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ABSTRACT: In previous articles, mechanical models were
proposed to predict the reinforcement effect of polymers by
particulates as well as unidirectional fibers over wide ranges
of volume fraction of fillers and temperatures. On the basis
of image analyses and the definition of representative mor-
phological motifs, these models are able to predict the vis-
coelastic properties of quasi-isotropic and unidirectional
composites or to extract the behavior of a phase, such as the
interphase in filled rubbers or the transcrystalline phase in
semicrystalline polymers. In this work, based on a 2D image
processing, this approach is extended to predict the vis-

coelastic properties of commingled PP–glass fiber compos-
ites. It is shown that fiber aggregates, composed of fibers and
surrounding polymer, might be considered as the reinforc-
ing phase. In addition, the different failure modes of these
composites are separated as a function of the volume frac-
tion of fillers or temperature. © 2006 Wiley Periodicals, Inc.
J Appl Polym Sci 99: 3466–3476, 2006
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INTRODUCTION

It is well-known that the Achilles’ heel of the mechan-
ical behavior of unidirectional glass fiber composites is
their response in the transverse (90°) direction.1 In
fact, several researchers have shown that the trans-
verse properties of such materials can be lower than
the ultimate properties of unreinforced polymers.1–4

The three main origins of this transverse brittleness
of unidirectional composites are

i. an insufficient level of adhesion at the fiber–
matrix interface, leading to premature debond-
ing,2

ii. the dispersion state of fillers within the polymer
matrix,3 and

iii. the triaxial stress state in the polymer matrix.1,4

Benzarti et al.1 have, for example, shown that the
improvement of the fiber–matrix adhesion, in a unidi-
rectional glass fibers reinforced epoxy resin, leads to a
significant increase in the ultimate properties by using
fiber sizing with high epoxy functionality. Asp et al.4

found that the transverse failure mechanism of com-
posites is governed by the fiber content, the properties
of the different phases, and the eventual presence of
an interphase. In fact, an increase of the failure stress

or strain has been shown when incorporating a soft
rubbery interphase between fiber and matrix.5

In contrast, Podgaiz and Williams6 reported a de-
crease in the transverse failure strain and stress when
glass fibers are coated with rubber sizing. The poor
performance of such composites has been attributed to
the low level of adhesion between the rubbery inter-
phase and the epoxy resin. Vendramini et al.7 have
found that the development of a transcrystalline inter-
phase in commingled PBT–glass fiber composites
leads to a significant increase in the transverse shear
moduli of composites. An increase in the yield and
failure stress has also been observed by these research-
ers using glass fibers coated with a specific sizing.

By using AFM tapping mode phase imaging and
nanoindentation, Gao and Mäder5 have compared the
influence of various fiber sizings on the failure behav-
ior of PP–glass fibers composites. They have shown
that the interphase thickness, varying between 100 to
300 nm, depends on the type of sizing. Moreover, they
have reported that the formation of a rigid interphase,
i.e., with high modulus and a transcrystalline micro-
structure, leads to an increase in the tensile strength of
composites in the longitudinal direction.

For modified PP reinforced by glass fibers coated
with various sizings (�-APS/PU or �-APS/PP), Mäder
et al.8 have proposed that the dominating mechanism
is morphological change in the interphase. These
changes are promoted by acid–base interactions, in
particular between the basic amino groups at the si-
lanized glass fiber surface and the acid groups of the
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maleic anhydride grafted matrix. Failure mechanisms
of modified PP–glass fiber composites are then related
to the properties of the interphase.

Two failure mechanisms have been separated by
Gamstedt et al.,2 a cohesive or an adhesive failure, as
a function of the presence or absence of maleic anhy-
dride in PP–glass fiber composites, respectively. The
greater fatigue resistance of PP modified with maleic
anhydride reinforced by glass fibers has been attrib-
uted to the higher interfacial strength between phases
and the greater resistance to fiber–matrix debonding.

Accordingly, the quality of adhesion between fiber
and matrix plays a major role on the transverse me-
chanical behavior of unidirectional composites and
was analyzed in the present work. The influence of the
state of dispersion of unidirectional fibers within the
polymer matrix has also been mentioned to explain
the transverse brittleness of composites. Different
studies have shown that the magnitude of the rein-
forcement effect depends not only on the physico-
chemical interactions between phases but also on the
filler spatial distribution within the matrix.9,10

It is well-known that in modern manufacturing pro-
cesses, unidirectional thermoplastic composites, fabri-
cated from bundles containing several hundred fibers
of polymer and reinforcement, exhibit a heteroge-
neous spatial distribution of fibers. Vendramini et al.7

and Dubouloz-Monnet et al.11 have shown that fibers
are packed into clusters in commingled composites.
On the basis of percolation concept, Alberola et al.9

have developed a micromechanical model to separate
the relative contributions of clusters to changes in the
microstructure of polymer induced by glass fibers.

In this work, we first propose to give evidence of the
influence of fiber aggregates on the viscoelastic prop-
erties of commingled composites and then to correlate
the spatial distribution of fibers to the macroscopic
failure behavior of such composite materials.

EXPERIMENTAL

Raw materials

Two polymers were used in this study. The first, an
unmodified polypropylene supplied by the Montell
Polyolefins Company, has a weight average molecular
mass, Mw, equal to 263400 g/mol and an index of
polydispersity equal to 5.6. The second one is a maleic
anhydride grafted polypropylene provided by the
Uniroyal Chemical Company.

The filaments of polypropylene, processed by the
Vetrotex International Company, are obtained from a
main mixture consisting of 80% of chemically unmod-
ified matrix and 20% of maleic anhydride grafted ma-
trix. They are processed by extrusion at 200°C, and
then hot drawn at a constant rate.

Unidirectional glass fibers, supplied by the Vetro-
tex, have a monodisperse distribution diameter of

about 17.5 �m,11 and coated with a specific sizing for
the polypropylene matrix.

Sample preparation

Glass fibers are directly commingled with polymer
filaments during the manufacture of the roving. The
sheets of unidirectional commingled composites, pro-
cessed by Vetrotex under the trade name of Twintex®,
are carried out by filament winding of polymer and
glass roving. These mixed fibers are hot consolidated
under pressure. Unidirectional fiber composites are
then cured for the same conditions as those used for
the unfilled materials, to give the same thermal history
for each sample.

In this work, composites reinforced by three differ-
ent amounts of glass fibers were studied. The weight
contents of fillers, the volume fractions, and the cor-
responding surface ratios as well as the nomenclature
used are presented in Table I.

A previous study has shown that the porosity or the
void content, evaluated by image analysis, can be
considered negligible in the different composites.12

Test procedures

Dynamic tensile mechanical spectrometry is per-
formed in a transverse mode on unreinforced polymer
and composite materials by using a VA 4000 appara-
tus commercialized by the 01 dB Metravib Company.
The real (E�T) and imaginary (E�T) parts of the complex
transverse Young’s modulus, E*

T, and the damping
ratio, tan �ET, are determined as a function of temper-
ature and/or frequency.

Two kinds of tests are carried out:

i. Isochronal spectra at 1 Hz are recorded for tem-
peratures ranging from �70 to 125°C with a heat-
ing rate of about 1°C/min. The dynamic strain
imposed to the different samples was about
0.075%, to remain in the linear domain, whatever
the temperature analyzed.

ii. The influence of the dynamic strain, from 0.005
to 150%, on the transverse mechanical behavior
of the unfilled material and commingled com-

TABLE I
Weight (Wf), Volume (Vf), and Surface (Sf) Contents

of Glass Fibers

Composite Wf (%)a Vf (%)b Sf (%)c

T22 44.3 � 0.2 21.6 � 0.2 21.8 � 1.7
T35 61.5 � 0.2 35.6 � 0.2 34.9 � 2.6
T50 74.3 � 0.1 50.0 � 0.1 49.9 � 2.1

a Determined from residues of burned samples at 625°C.
b Derived from weight content.
c Evaluated by image analysis.
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posites was also analyzed at 1 Hz for various
temperatures (�90, �50, �10, 30, and 70°C).

Microindentation measurements are carried out with
a Leco M400 H3 microhardness tester. The different
tests are performed by using a Knoop indenter and a
load of 0.05 N. The lengths of both imprints are mea-
sured within 10 s following indentation. The micro-
hardness values (HK) are then calculated by using the
following expression:13,14

HK � 14.23
P
d210�6 (1)

where HK is expressed in megapascals, the applied
force P in newtons and the imprint length d in meters.
Ten measurements are made on each material at a
constant distance of 15 �m from the surface of the
glass fibers to limit the influence of the different pol-
ishing steps occurring during the sample preparation.
Moreover, additional measurements are performed at
different distances from the fiber surface to show an
eventual gradient of microhardness as a function of
the fiber surface.

The fracture surfaces of unidirectional composites
are then observed with a scanning electron micro-
scope (model Stereoscan 440, Leica) in secondary elec-
tron detection mode. All surfaces are previously
coated with gold to avoid charging under the electron
beam.

RESULTS AND DISCUSSION

Experimental viscoelastic behavior

Figure 1 shows the experimental variations of (a) E�T,
(b) E�T, and (c) tan �ET as a function of the temperature
for unfilled polymer and the T22, T35, and T50 com-
posites at 1 Hz. The increase in the real and the imag-
inary parts of the transverse Young’s modulus over
the temperature range analyzed, accompanied by the
decrease in the maximum damping factor for temper-
atures lower than 25°C, can be attributed not only to
the usual reinforcement effect induced by glass fibers
but also to an enhancement of this effect due to the
presence of fiber aggregates.7,9

It can also be observed, for temperatures greater
than 25°C, that the damping factor of the different
composites is insensitive to the filler content. The or-
igin of such a relaxation, so-called ��, remains contro-
versial. In fact, in the literature, this relaxation has
been associated to either the presence of defects in the
crystalline phase or mechanisms implying both the
amorphous and crystalline phases.15–18

Consequently, modifications of the viscoelasticity of
commingled composites can originate from the me-
chanical coupling effect enhanced by (i) the formation

of aggregates or (ii) the microstructural changes of the
polypropylene matrix. In fact, Dubouloz-Monnet et
al.12 have shown that glass fibers act as nucleating
agents for the polypropylene matrix. To separate their
relative contributions on the transverse mechanical
behavior of composites, a micromechanical model is
proposed in this article, based on a morphological
analysis.

Figure 1 Experimental variations of (a) E�T, (b) E�T, and (c)
tan �ET versus temperature at 1 Hz for T22, T35, and T50
composites. Data for unreinforced polymer are also reported
for comparison.
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Modeling of the reinforcement effect

Using a 2D image processing, Dubouloz-Monnet et
al.19 have shown that the composites exhibit a heter-
ogeneous morphology characterized by both isolated
fibers and aggregates. In fact, more than 86% of glass
fibers are packed into aggregates randomly dispersed
within the polymer matrix. Two reinforcing phases
can be then considered:

i. glass fibers, at a microscopic scale and
ii. fiber aggregates, at a mesoscopic scale.

Moreover, different geometric characteristics of such
clusters have been determined, such as the surface
fractions of fibers and aggregates, Sf and Sag, and a
morphological parameter, �0, defined by the following
relationship9,19 (Table II):

X0 �
Sag � Sf

Sf
(2)

To define the phase considered as the reinforcing one,
micromechanical modeling is performed. Benzarti20

and Vendramini et al.7 have shown that if glass fiber is
assumed as the reinforcing phase, embedded in the
polymer, important differences can be observed be-
tween theoretical and experimental values. The same
conclusion has been made when we assumed glass
fibers well dispersed within the polypropylene matrix
acting as the reinforcing phase.11 In fact, theoretical
data tends to underestimate experimental ones in the
whole temperature range.

The first objective of this work was to consider fiber
aggregates as the reinforcing phase. The problem is to
assign values for their properties. The prediction of
the viscoelastic behavior of commingled composites
can then be assessed by assuming the aggregates as
the reinforcing phase.

Prediction of the viscoelastic properties of fiber
aggregates

To account for the presence of clusters, we defined the
following “representative morphological pattern”
(RMP), whatever the glass fiber content. This RMP
consists of a two-layered cylindrical inclusion, in

which phase 1 is the glass fiber surrounded by a shell
of polymer (phase 2), embedded in the equivalent
homogeneous medium (Fig. 2). The elastic properties
of aggregates can be predicted by using a (3)-phase
self-consistent scheme derived from the models devel-
oped by both Hashin and Rosen21 and Christensen
and Lo22,23 and extended to the viscoelastic behavior
by applying the correspondence principle.24

The complex transverse Young’s modulus of aggre-
gates, E*Tag, can be expressed by the following relation-
ship:

E*Tag �
2

1
2K*Tag

�
1

2G*TTag
�

2�LTag
*2

E*Lag

(3)

where G*TTag and K*Tag are the complex transverse shear
and the plane-strain bulk moduli of the aggregates,
respectively. E*Tag and �*Tag are the complex longitudi-
nal Young’s modulus and Poisson’s ratio of the aggre-
gates, respectively.

Moreover, for numerical simulations, it is assumed
that

i. glass fibers show an elastic behavior over the
analyzed temperature range. Young’s modulus
and Poisson’s ratio of fibers are assumed to be
constant and equal to 73 GPa and 0.22, respec-
tively;

ii. viscoelastic properties of the matrix are assumed
to be the same as those of the unreinforced
polymer, to give evidence for the influence of
the geometric arrangement of fibers;

iii. to account for the glass–rubber transition under-
gone by the polymer through the glass transi-
tion, the real part of the Poisson’s ratio of the
matrix is assumed to vary from 0.30 to about
0.40 for temperatures higher than that of the
glass transition.25

Values of the surface fractions of fibers and aggregates
are derived from a previous morphological analysis.
The theoretical behavior of the transverse Young’s
modulus of aggregates versus temperature is depicted
in Figure 3. The viscoelastic properties of the unfilled
polymer and T50 composite are superimposed for
comparison. It can be seen that the viscoelastic prop-
erties of fiber aggregates are significantly greater than

Figure 2 Definition of the RMP.

TABLE II
Values of Morphological Parameters of Commingled

Composites Studieda

Composite Sf (%) Sag (%) �0

T22 21.8 � 1.7 26.0 � 3.0 0.18 � 0.02
T35 34.9 � 2.6 42.6 � 4.6 0.20 � 0.03
T50 49.9 � 2.1 59.9 � 3.3 0.20 � 0.03

a Extracted from ref. 19.
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those of the highest filled material over the tempera-
ture range analyzed.

The values of the other glassy elastic properties for
the aggregates, i.e., the complex transverse shear
(G*

Tag), the plane-strain bulk (K*
Tag), the longitudinal

Young’s moduli (E*
Tag), and the Poisson’s ratio (�*

Tag),
are listed in Table III for the glassy domain. It has been
shown that the glassy transverse Young’s modulus of
aggregates, E*

Tag, depends not on the filler content but
on the value of the �0 parameter corresponding to the
relative amount of polymer within the aggregates. The
longitudinal Young’s modulus of aggregates ranges

from 60 to 65 GPa for the different composites ana-
lyzed in the glassy state.

Prediction of the viscoelastic properties of
composites

On the basis of viscoelastic properties of aggregates,
the prediction of the mechanical behavior of unidirec-
tional composites can now be determined. A previous
morphological analysis has shown that fiber aggre-
gates are randomly dispersed within the polymer ma-
trix, whatever the content of fillers.19

Moreover, this analysis enables us to determine sev-
eral geometrical parameters, such as their radius, Rag,
the interaggregate surface-to-surface distance, �ag,
and the radius of the polymer shell surrounding the
aggregates, Rs, characteristic of aggregates, from the
analysis of the autocorrelation function and Fast-Fou-
rier Transform (FFT) power spectrum [Table IV and
Fig. 4(a)].

The second RMP chosen is then composed of the
fiber aggregate (phase 1) surrounded by a shell of
polymer (phase 2). The transverse Young’s modulus
of composites, E*Tc, can be determined through the
following expression:

E*Tc �
2

1
2K*Tc

�
1

2G*TTc
�

2�LTc
*2

E*Lc

(4)

where G*TTag and K*Tag are the complex transverse shear
and the plane-strain bulk moduli of the composites,
respectively. E*Lc and �*LTc are the complex longitudinal
Young’s modulus and Poisson’s ratio of the compos-
ites, respectively. Detailed calculations of such param-
eters are given in the APPENDIX. According to
Hashin,26,27 these expressions developed for isotropic
elastic phases remain valid for the phases which are
themselves transversely isotropic.

The comparison between experimental and theoret-
ical transverse Young’s moduli of composites for the
T22, T35, and T50 materials are depicted in Figure 5. A
good agreement between experimental and predicted
values can be noted in the glassy domain for all the
composites studied. This result shows that the fiber
aggregates act as the reinforcing phase, and the mi-
crostructural changes in the polypropylene matrix do

Figure 3 Theoretical variations of (a) E�Tag and (b) E�Tag for
the aggregates as function of the temperature. Experimental
results are also reported for the unfilled polymer and the T50
composite.

TABLE III
Values of the Real Parts of the Complex Transverse

Shear (G�TTag), Plane-strain Bulk (K�Tag), and
Longitudinal Young’s Moduli (E�Lag) of the Aggregates

Evaluated for a �0 Value Equal to 0.19 at �50°C

G�TTag (GPa) E�Tag (GPa) K�Tag (GPa) E�Lag (GPa) ��LTag
a

13.1 33.4 25.0 64.7 0.23

a Poisson’s Ratio.

TABLE IV
Values of 2D Geometrical Parameters of Aggregatesa

Composite Rag (�m) �ag (�m) Rs (�m)

T22 31 � 2 63 � 4 62 � 4
T35 37 � 3 36 � 4 55 � 4
T50 30 � 2 18 � 3 39 � 3

a Extracted from ref. 19.
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not affect the macroscopic properties of commingled
composites in this temperature range.

In contrast, for temperatures greater than about 0°C,
the model tends to underestimate the rubbery modu-
lus of composites, whatever the fraction of fillers.
These differences can originate from modifications of
the microstructure of polymer induced by the pres-
ence of glass fibers.12

Unlike PBT–glass fiber composites, it has been
shown that no difference exists in birefringence be-
tween the polymer matrix in the bulk and close to the
fiber surface.7,12 Moreover, no difference was detected
between the degree of crystallinity of polymer matrix
and that of the unreinforced polypropylene. The only
difference revealed between the thermograms of PP–
glass fiber composites compared with those of the
unfilled polymer is that the polymer reinforced by
unidirectional fibers has a lower melting temperature
related to a global modification of the crystalline or-
ganization.12

To show the influence of these microstructural
changes on the macroscopic mechanical behavior of
the composites, microindentation tests are then per-
formed at 25°C [Fig. 6(a)]. Microindentation tests have
been previously used to assess the interfacial proper-
ties in polymer–glass fiber systems.28 Analytical mod-
els have also been proposed by several researchers to
evaluate the interfacial shear strength of glass-rein-
forced composites.29,30

Mean values of microhardness HK of unfilled PP
and commingled composites are shown in Figure 6(b).
It can be observed that

i. the mean microhardness values for the polymer
matrix are greater than that of the unfilled poly-
mer, whatever the volume fraction of fibers;

ii. the average HK values of polymer matrix de-
crease with increase in volume fraction of fillers;
and

iii. no significant difference in the HK values of
polymer matrix has been noted as a function of
the distance from the glass fiber surface, charac-

Figure 5 Comparison between theoretical and experimen-
tal values of (a) E�Tc and (b) E�Tc as a function of the tem-
perature for the different composites.

Figure 4 (a) Optical observation of the T22 composite and
(b) definition of the corresponding RMP.
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teristic of the formation of a broad inter-
phase.10,11

Accordingly, these results confirm the global changes
of the crystalline organization of the polypropylene
matrix induced by glass fibers, which are in agreement
with previous DSC analysis.12 The modifications in
the crystallite size, which act as physical ties, affect the
molecular mobility of the amorphous phase of the
polypropylene matrix, in particular at temperatures
higher than Tg. This result can explain the greater
values of the experimental transverse Young’s modu-
lus of the different composites compared with theo-
retical ones in the rubbery region.

Experimental mechanical behavior at large strains

The last part of this article concerns the influence of
fiber aggregates on the transverse mechanical behav-
ior of commingled composites. The eventual correla-
tion between morphological parameters and critical
values of deformation might help us to define the

origins of the transverse brittleness of PP–glass fiber
commingled composites.

The behavior of the dynamic stress, �dyn, versus the
strain amplitude, 	dyn, at 30°C and 1 Hz for the dif-
ferent materials are depicted in Figure 7 (arrows cor-
respond to the mean values of failure strain of com-
posite materials, whereas the cross marks the charac-
teristic yield strain of unfilled polypropylene). From
these stress–strain curves, it can be observed that the
dynamic stress is strongly dependent on the fiber con-
tent. In fact, with increase in volume content of fillers,
a significant increase in the failure stress can be ob-
served, characteristic of a good load transfer at the
fiber–polymer interface. A small decrease in the trans-
verse Young’s modulus with the amplitude of defor-
mation can also be shown, corresponding to damage
initiation.31

To determine precisely the value of this critical de-
formation, defined as 	c, the behavior of the damping
factor, tan �ET, as a function of the strain amplitude is
plotted in Figure 8.

Figure 6 Microindentation tests: (a) imprint in the T22
composite and (b) experimental values of HK for the differ-
ent materials.

Figure 7 Experimental variations of �dyn as a function of
	dyn at 30°C and 1 Hz for the materials studied.

Figure 8 Experimental variations of tan �ET versus the dy-
namic strain 	dyn for the different materials at 1 Hz and
30°C.
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The decrease in the transverse Young’s modulus of
composites can in fact be related to the increase in the
dissipative part of E*

T. An important decrease in the
values of 	c with an increase in filler content can be
seen (Table V), related to additional dissipative phe-
nomena induced by the damage of

i. the fiber–polymer interface,
ii. the aggregate–polymer interface, and

iii. the matrix polymer.

The differentiation between these different local mech-
anisms are discussed in the next section.

Influences of filler content and temperature on the
damage of composites

The evolution of the critical deformation, 	c, versus the
temperature for the different materials is depicted in
Figure 9. Two domains can be distinguished, corre-
sponding to the glassy and rubbery regions of the
polymer matrix:

i. for temperatures lower or equal to �10°C, values
of 	c for the different materials remain constant.
	c is only dependent on the filler content.

ii. for temperatures greater than �10°C, 	c slightly
increases for the unfilled polymer, whereas it
first decreases and then remains constant for all
the composites.

On the basis of a previous morphological analysis,19

we tried to define the key parameters governing the
initiation of damages in the commingled composites.
For this, a linear evolution of 	c versus the interaggre-
gate surface-to-surface distance, �ag, is plotted in Fig-
ure 10, whatever the temperature range.

The increase of the �ag values, characteristic of a
better dispersion of aggregates within the polymer
matrix, leads to greater values of this critical deforma-
tion of composites. Accordingly, the initiation of dam-
ages in commingled composites, exhibiting homo-
thetical morphology, seems to be governed by the
interaggregate distance and by the molecular motions
of polypropylene chains.

Influences of filler content and temperature on the
failure of composites

The evolution of the failure behavior of unidirectional
commingled composites is also analyzed as a function
of filler content or temperature. Correlations between
dynamic mechanical properties, in particular the fail-
ure strain (	rupt), and morphological parameters eval-
uated through 2D image processing are carried out. In
addition, SEM observations of composites are done to
highlight the different failure modes, i.e., adhesive or
cohesive failure, as a function of temperature and filler
content (Fig. 11).

Two regions can be distinguished:

• For failure strain, 	rupt, higher or equal to 0.35%, a
cohesive failure occurs in the rubbery domain for
all the materials studied and in the glassy region
for the unfilled polymer and the T22 composite.
These results, in agreement with those of Gamst-
edt et al.,2 show that the matrix deformation
seems to play a major role in the macroscopic
behavior of commingled composites. Similar frac-

TABLE V
Values of the Critical Strain (�c) for the Different

Composites Determined at 30°C and 1 Hz

Composite 	c (�104)

T22 3.6 � 0.4
T35 2.5 � 0.1
T50 1.7 � 0.1

Figure 9 Variations of the dynamic critical strain 	c as a
function of the temperature for the different materials.

Figure 10 Variations of the dynamic critical strain 	c as a
function of the interaggregate surface-to-surface distance
�ag in the glassy and rubbery regions.
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tographic SEM observations have been made on
the composites analyzed; i.e., debonded aggre-
gates can be observed for the different materials
(Fig. 12).

• For 	rupt lower than 0.35%, an adhesive failure has
been observed for the composites filled with 35 or
50% of glass fibers in the glassy state. The surface
of debonded fibers appears smooth and many
prints of fibers are visible in the polymer matrix.
Accordingly, the interfacial debonding seems to
play the principal role in the failure behavior of
the highest filled materials in this temperature
range.

The transition between these two failure modes can
explain the decrease in the macroscopic failure strain
observed for the highest filled composites. The differ-
ent states of stress at the fiber–polymer interface can
also be evoked to explain the differences in these
values. Consequently, to reduce the transverse brittle-

ness of commingled composites, we propose to im-
prove the interfacial strength between aggregates and
polymer by favoring, for example, the development of
a “smart” interphase between fibers and polymer.

CONCLUSIONS

Several correlations between the spatial distribution of
glass fibers and the mechanical behavior of commin-
gled composites have been proposed in this work.
From the morphological analysis, it has been shown
that (i) fibers are packed into clusters, and (ii) aggre-
gates are well dispersed within a modified polypro-
pylene matrix, whatever the volume fraction of fillers.
The composite is then described as a two-phase ma-
terial, i.e., aggregates dispersed within the polypro-
pylene matrix. The prediction of the viscoelastic be-
havior of commingled composites is then explained
based on these geometrical considerations.

As a first step, the dynamic mechanical behavior of
aggregates, exhibiting transversely isotropic proper-
ties, is assessed using both the Christensen and Lo’s
and Hashin and Rosen’s models. Based on the volume
fractions of the different phases, determined through a
previous 2D image processing, it has been shown that
the transverse Young’s modulus of aggregates is
greater than that of the highest filled materials in the
whole temperature range.

As a second step, the dynamic mechanical behavior
of unidirectional composites is assessed by using
again the same models. Such an approach predicts the
increase in the reinforcement effect of the polymer
matrix induced by the aggregates in the glassy do-
main. The differences observed between experimental
and simulated data of the transverse Young’s modu-
lus of composites for temperatures higher than about
0°C have then been related to global modifications in
the microstructure of the polypropylene matrix in-
duced by the fibers.

To confirm this explanation, microindentation tests
were performed at 25°C. The greater values of the
microhardness of polymer matrix compared with that

Figure 12 Fractographic SEM observations of the T22 and
T50 composites.

Figure 11 Variations of the dynamic failure strain 	rupt
versus the temperature for the different materials. Fracto-
graphic SEM observations are also shown.
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of the unfilled polymer confirm the global modifica-
tions of the microstructure of the polypropylene ma-
trix previously revealed by DSC analysis. These
changes affect not only the molecular motions of the
polypropylene chains but also the mechanical proper-
ties of composites at high temperatures.

Different origins of the transverse brittleness of uni-
directional composites are proposed in the literature.
To differentiate these origins, correlations between
morphological parameters and macroscopic mechani-
cal behavior of commingled composites have been
made. In particular, it has been shown that the critical
strain, 	c, is a genuine probe of the initiation of dam-
age in the composites. The increase in the values of 	c

as a function of the filler content has been related to
the interaggregate surface-to-surface distance over a
wide range of temperatures. Lastly, different mecha-
nisms of failure, i.e., adhesive or cohesive failure, have
been observed as a function of temperature or volume
fraction of fibers. A transition between these two fail-
ure modes has then been noticed, related to the in-
crease in the molecular motions of PP chains with
increase in the temperature. In the glassy domain, the
different failure modes have been detected for the
different materials analyzed, whereas in the rubbery
region, only a cohesive failure has been observed.

A finite-element analysis is in progress to identify
the different mechanisms of damage and the failure
modes observed as a function of volume fraction of
fillers or temperature.

APPENDIX

The complex transverse Young’s modulus of unidirec-
tional fiber composites, E*

T, is given by the following
equation:

E*T �
2

1
2K*T



1

2G*TT
�

2�LT
*2

E*L

This expression required the determination of the fol-
lowing elastic and then viscoelastic parameters of uni-
directional fiber composites: GTT the transverse shear
modulus, KT the plane-strain bulk modulus, EL the
longitudinal Young’s modulus, and �LT the longitudi-
nal Poisson’s ratio.

The transverse shear modulus, GTT, is predicted by
a (3)-phase self-consistent scheme derived from Chris-
tensen and Lo’s model.22,23 The solution for the com-
plex transverse shear modulus, G*TT, is given by the
solution of the following quadratic equation:

A�G*TT

G*m
�2


 B�G*TT

G*m
� 
 C � 0

where subscript m refers to the matrix and constants
A, B, and C are defined by the following relationships:

A�3Vf(1�Vf)2�Gf

Gm
� 1� � Gm

�Gf

Gm

 f���Gf

Gm
m�fm��Gf

Gm
m�f�Vf

3�
� �mVf�Gf

Gm
�1� � �Gf

Gm
m�1��

B��6Vf(1�Vf)2�Gf

Gm
�1��Gf

Gm
�f���Gf

Gm
m��Gf

Gm
�1�Vf�1�

��(m�1)�Gf

Gm
�f��2Vf

3�Gf

Gm
m�f���(m�1)Vf�Gf

Gm
�1�

��Gf

Gm
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Gm
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�1�

��Gf
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�f���Gf
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m��Gf

Gm�1�Vf�1�
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Gm

 f��Gf

Gm
m�f�Vf

3�
with m � 3 –4�m and f � 3 –4�f

The other mechanical parameters are derived from
the composite cylinder assemblage approach pro-
posed by Hashin and Rosen:21

K*T � Km 

Vf

1
Kf � Km



1 � Vf

Km�Gm

G*LT�Gm�
Vf

1
Gf � Gm



1 � Vf

2Gm

E*L � Em	1 � Vf
 
 EfVf 

4	�f � �m
2Vf	1 � Vf


	1 � Vf


Kf



Vf

Km



1
Gm

�*LT � �m	1 � Vf
 
 �fVf




	�f � �m
� 1
Km

�
1
Kf
�Vf	1 � Vf


	1 � Vf


Kf



Vf

Km



1
Gm

with Ki � ki � Gi/3 and ki � � Ei/3(1 � 2�i), i � m, f
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